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Abstract 
The mechanisms of growth of a circular void by plastic deformation were 
studied by means of molecular dynamics in two dimensions (2D). While 
previous molecular dynamics (MD) simulations in three dimensions (3D) have 
been limited to small voids (up to s«10nm in radius), this strategy allows us 
to study the behavior of voids of up to 100 nm in radius. MD simulations 
showed that plastic deformation was triggered by the nucleation of dislocations 
at the atomic steps of the void surface in the whole range of void sizes studied. 
The yield stress, defined as stress necessary to nucleate stable dislocations, 
decreased with temperature, but the void growth rate was not very sensitive to 
this parameter. Simulations under uniaxial tension, uniaxial deformation and 
biaxial deformation showed that the void growth rate increased very rapidly 
with multiaxiality but it did not depend on the initial void radius. These results 
were compared with previous 3D MD and 2D dislocation dynamics simulations 
to establish a map of mechanisms and size effects for plastic void growth in 
crystalline solids. 
(Some figures may appear in colour only in the online journal) 
1. Introduction 
Ductile failure of metallic materials is normally dictated by the growth of voids due to plastic 
deformation until fracture is triggered by the sudden formation of a macroscopic crack by 
coalescence of neighbor voids. The typical size of the voids found in metallic materials 
encompasses various orders of magnitude, from nm (as those associated with He bubbles 
created by neutron irradiation [1]) to [xm (as those nucleated by the fracture or decohesion of 
brittle inclusions [2]) and the physical mechanisms of void growth depend on the size. For 
nm-sized voids, there is experimental evidence that void growth occurs by the emission of 
shear dislocation loops from the void surface, which evolve by cross slip to prismatic loops, 
leading to an increase in the void dimensions [3-7], The critical stress to generate dislocation 
loops from the void surface is, however, very high and this mechanism is restricted to very 
high strain rates or low temperatures [8], 
In the case of //m-sized voids, it is well-established that void growth occurs as a result 
of plastic deformation in the bulk [9] and the mechanics of porous ductile solids has been 
extensively studied in the last decades, including the effect of multiaxiality, loading path, 
plastic anisotropy, matrix hardening, void shape, etc (see [9] for a comprehensive review on 
these topics). These analyses are based on standard plasticity models and thus do not take 
into account the influence of void size on void growth. However, void dimensions are of 
the order of the average spacing between mobile dislocations and dislocation sources in the 
case of micrometer-sized voids. Strong size effects are expected under these circumstances 
according to the results obtained for the plastic deformation of micrometer-sized wires in 
torsion, micropillars in compression or nanoindentation of thin films [10-12], 
The analysis of size effects on void growth was initially carried out within the framework 
of strain gradient plasticity theories [13-17], which predicted that larger voids grew faster than 
smaller ones. The differences in growth rates as well as the critical size at which this size 
effect disappears were dependent on the length scale included in the strain gradient plasticity 
model. This was an important limitation of these theories to establish the regime at which size 
effects are relevant because the actual magnitude and physical significance of this parameter 
(or set of parameters) is not clear. More recently, the problem of void growth has been 
analyzed by means of 2D dislocation dynamics (DD) simulations [18-21], These analyses 
demonstrated that larger voids grow faster than smaller ones and this behavior is triggered by 
the limited availability of dislocations/sources around the smaller voids. Void growth by plastic 
deformation is impaired by the absence of dislocation/sources around the smaller voids, but 
this limitation is not operative for larger voids [20], As a consequence, the size effect on void 
growth disappears above a critical void radius, which is of the order of 1 to 2 //m according to 
2D DD simulations [20], These results are in agreement with more recent 3D DD simulations 
of void growth [22], 
The mechanisms of void nucleation in nm-sized voids have been studied by Lubarda [5,23] 
using an ideal 2D dislocation model. He concluded that the critical stress for nucleation 
increased for very small voids but did not analyze void growth. Other authors used 3D atomistic 
simulations to study the nucleation and growth of nm-sized voids [24-32] and Potirniche 
et al [26] reported that smaller voids grew faster at this length scale, a size effect opposed to 
that found for micrometer-sized voids. However, atomistic simulations of voids growth were 
limited to very small voids (void radius was below 10 nm) due to the huge computational costs 
associated with the simulation of larger voids and it is not clear whether the results reported 
by the analytical and atomistic simulations will hold for larger voids. 
The main objective of this investigation was to understand the connection between 
the molecular dynamics (MD) simulations of nm-sized voids and the DD simulations of 
micrometer-size voids and this was achieved by means of MD of the growth of circular voids 
in 2D. To this end, a suitable interatomic potential was selected to obtain a 2D material whose 
behavior was in agreement with the standard results for dislocation plasticity in fee metals. 
Indeed, 2D atomistics simulations have limitations due to the influence of the 2D assumption 
on the material, dislocations and loading conditions. The 2D atomistic model only considered 
one layer of atoms and ignores the interactions between layers. Strains perpendicular to the 
2D plane are neglected (as under plane strain conditions in 2D continuum models) and strain 
relaxation in the perpendicular direction is not possible. Under these circumstances, particular 
strain relaxation mechanisms may not be captured, as was the case presented by the 3D MD 
simulations of Gungor and Maroudas [33] for ultra-thin films which showed that the nucleation 
of a uniform dislocation network in the film was preferred to void growth under very large 
biaxial strain levels (>8%). Another limitation is the point character of the defects generated in 
2D. The interactions between dislocations in 2D are much simpler than in 3D (entanglements, 
jogs, etc.) and cannot be accounted for in the 2D model. However, it should be noted that our 
results mostly deal with the very first stages of plasticity, where interactions among dislocations 
are not as relevant. Nevertheless, most of these limitations can also be applied to 2D DD, which 
has been a very useful tool to study size effects in plasticity [34-39], 
Bearing in mind these limitations for 2D, simulations were carried out to understand 
the effect of temperature and multiaxiality on the yield stress defined as stress necessary to 
nucleate stable dislocations from the void surface and on the kinetics of void growth. They 
were compared with previous results of 3D MD and 2D DD simulations to establish a map of 
mechanisms and size effects for void growth. 
2. A 2D model material 
2.1. MD model for a two-dimensional system 
The simulation of an atomistic system in 2D, showing both ductility and structural stability 
under external stresses, is not as direct and evident as in 3D and special care has to be taken 
in the correct choice of the interatomic potential. For instance, Abraham et al [40] reported 
that a 2D solid described by a pair potential of the Lennard-Jones (LJ) type is brittle while it 
shows significant dislocation activity prior to crack nucleation in 3D [41], Our first attempts 
were in agreement with these observations and showed that a voided 2D solid described by a 
pair potential of the LJ type did not show a regular and continuous emission of dislocations: 
the 2D solid presented brittle fracture by the nucleation and growth of cracks from the void 
surface before any dislocations were emitted. 
In order to overcome this limitation, the interaction between atoms in 2D was modeled 
using a 2D glue potential adapted from [42], and optimized for six nearest neighbors. The 
total energy of the system, Etot, composed by N atoms is given by 
The first term is a pair interaction between metal ions i and j, which represents 
an effective electrostatic interaction and depends on their separation r t j . The second part is 
a many-body term, which represents the energy F(pi) of ion i for being embedded in a free 
electron sea, which in turn depends on the electronic density p; generated by the rest of the 
atoms at the position of ion i according to 
This term accounts for the metallic character of the 2D solid, and it has to be included 
to simulate plastic events, i.e., the nucleation of dislocations and their movement along slip 
planes. 
All these functions are empirically constructed and were fitted to high order polynomials to 
reproduce accurately several physical properties of Au, namely the lattice parameter, cohesion 
energy, the surface energies, the bulk modulus and the transverse phonon frequency at the 
X-point of the Brillouin zone. Furthermore, the potential reproduces reasonably well vacancy 
formation energies, the thermal expansion coefficient and the melting temperature of Au. The 
(1) 
N 
(2) 
j 
actual parameterizations can be found in [42], In addition, this potential is, to the authors' 
knowledge, the only one able to reproduce the three different reconstructions of the (11 1), 
(1 1 0) and (1 0 0) orientations of gold, rather distinctive of noble metals. The underlying point 
here is that this potential accurately takes into account the need of undercoordinated atoms to 
find an extra coordination, which is probably important for dislocation nucleation through the 
collapse of surface steps, where the surface atoms are particularly undercoordinated. 
It was also found that the 2D solid was unstable if the total energy only included the first 
two terms in equation (1). Localized regions of the solid rotated under the application of an 
external stress leading to the formation of a polycrystal. To avoid this problem, a third angular 
term was added to the interatomic potential, which avoids local rotations of the solid under 
tension. Every atom i has an additional contribution to the potential energy, where the sum 
extended to all nn nearest neighbors. Ojj is the angle formed between the vector connecting 
atoms i and j and the -r-axis of the simulation cell, which defines one of the three compact 
directions of the hexagonal lattice. A is a constant whose value was 0.01 eV. 
In the MD model, the force between any pair of two atoms i and j is derived from total 
potential energy (£ tot) according to 
r = ( 3 ) 
dr'J 
and the dipole force tensor at each atom i is given by 
N„ 
0 = ± H i2' 
y ^ j f <S> rij ) - m'v' <g> v' (4) 
where N„ is the number of nearest neighbor atoms, £2' is the atomic volume and m' and v' 
are the mass i and the velocity of atom i, respectively. The stress for the system of atoms is 
defined as a volume average of the dipole force tensor 
1 N > 
N* ^ 
(5) 
where N* is the number of active atoms that participate in creating the stress in the lattice. The 
value of N* will determine the volume in which stress is averaged. It can include a few atoms 
to obtain a local stress value or encompass all the atoms in the system to provide a macroscopic 
average stress. More details of the calculation of stresses in atomistic simulations can be found 
in [43], 
2.2. Simulation strategy 
Void growth was analyzed by means of MD in a 2D periodic voided crystal, in which the 
circular voids are located at the corners of a square array (figure 1). Due to the symmetries of 
the problem, the MD simulations were carried out in a representative element unit cell of the 
voided crystal with periodic boundary conditions. The void volume fraction was held constant 
and equal to 10% and the length L of the unit cell was changed accordingly to accommodate 
voids with an initial radius in the range 1.5 nm < R < 100 nm. This void volume fraction was 
selected to allow the direct comparison of our results with the 2D DD simulations of Segurado 
and LLorca [20,21], Nevertheless, a few simulations were carried out with an initial void 
volume fraction of 4% to demonstrate that the result were independent of this parameter. The 
maximum void radius was one order of magnitude longer than those attained previously by 
means of 3D MD simulations [6,26,44] and it was similar to the minimum size studied using 
2D DD [20,21], 
t 
Figure 1. Periodic arrangement of the crystal with general applied far-field stress £ and strain rate 
£• fields. 
(a) (b) (c) 
Figure 2. Loading cases considered to study void growth, (a) Uniaxial tension, (b) Uniaxial 
deformation and (c) Biaxial deformation. 
Simulations were carried out assuming periodicity with three different boundary 
conditions, namely uniaxial tension, uniaxial deformation and biaxial deformation, which lead 
to very different values of multiaxiality. The corresponding boundary conditions are depicted 
in figure 2. Uniaxial tension was obtained by applying a constant velocity ±iix/2 along the 
-r-axis at both ends (x = 0, L) of the unit cell while the perpendicular boundaries were stress 
free (£„,, = 0 at v = 0, L). Uniaxial deformation was obtained with the same velocity field 
at x = 0, L while perpendicular deformation was constrained (uy = 0 at v = 0, L). Finally, 
biaxial deformation was achieved by applying the same velocity field perpendicular to the 
boundaries along the* and v directions. In all cases, dislocations leaving one external boundary 
of the unit cell were assumed to enter the unit cell by the opposite boundary. Simulations were 
carried out at strain rates e ( = u x / L ) in the range 107 to 4.0 x 10 8 s _ 1 and three different 
temperatures ( T = 20, 400 and 800 K). These strain rates are lower than the standard ones in 
MD simulations4 but they are still several orders of magnitude higher than those used in DD 
( ^ 1 0 3 - 1 0 4 s " 1 ) . 
4 Although there are 3D MD simulations performed at lower strain rates of 10® [45], 
In addition to the 2D simulations, a 3D model with a cylindrical void was generated to 
compare with the 2D results and analyze the effect of dimensionality. The 3D simulations 
were carried out under the standard EAM formalism for Au [46], using a simulation cell with 
periodic boundary conditions in all three directions. No angular term was used in the 3D 
case to stabilize the potential. The size of the simulation cell was 28 x 28 x 6.36 nm3, 
and the axis of the cylindrical void was parallel to the j-axis, which corresponds to the 
(1 11} crystallographic direction. The void radius and volume fraction were 5nm and 10%, 
respectively, and simulations were performed at different temperatures up to 0.5Tm, where Tm 
is the melting temperature. The strain rate was 109 s _ 1 . The 3D cell was deformed along the 
-r-axis (corresponding to the (110) crystallographic direction), allowing the simulation cell 
to relax along the two other directions. In order to make a direct comparison, 2D simulations 
were carried out using the same parameters (geometry, strain rate and temperature). 
3. Results and discussion 
3.1. Mechanisms of plastic deformation and void growth 
Preliminary simulations were carried out to analyze the mechanisms of plastic deformation 
and of void growth in the 2D material. The 2D lattice was constructed as the close-packed 
plane to represent a general (111) fee or (0 00 1) hep metal. Hexagonal packing is the most 
stable and dense 2D solid. It also shows (in contrast to a square lattice) a larger number of slip 
systems and thus a larger ductility was expected. It presents three slip systems along the three 
compact directions oriented at 0°, 60° and —60° from the -r-axis. The shear modulus was of the 
2D solid was 46.8 GPa and the Burgers vector 2.8 nm. Upon deformation, plastic deformation 
developed by the nucleation at the void surface of pure edge dislocations with Burgers vectors 
parallel to the compact directions. The dislocations were nucleated at atomic steps on the void 
surface and glided toward the interior of the material. As a result of the emission of the first 
dislocation, the surface step disappeared leaving behind a straight (not kinked) segment on 
the void perimeter (figure 3). This mechanism of heterogeneous dislocation nucleation from 
surface steps both relieves elastic stresses and reduces the surface energy of the void. Further 
dislocation nucleation events lead to the formation of kinks and the initial stepped perimeter 
(with atomic steps) of the circular void is transformed into a polygonal perimeter with ledges 
(multiple atomic steps), as shown in figure 3. It should be noted that stepped surfaces have 
been reported as preferential sites for dislocation nucleation during nanoindentation of gold 
surfaces and the results were confirmed by atomistic simulations [47,48], In addition, void 
growth by heterogeneous nucleation of dislocations at the void surface has been observed 
experimentally under very high strain rate deformation [4,5], For the sake of comparison, 
the dislocation nucleation in the cylindrical void simulated in 3D is shown in figure 3(d). 
Dislocation nucleation in 3D occurs by the formation of a loop, instead of a straight dislocation. 
Nevertheless, it should be noted that the mechanisms of dislocation nucleation and propagation 
into the bulk in 2D are in agreement with those expected for a fee metal although in 2D. This 
supports the validity of our 2D approach to simulate plastic void growth. 
3.2. Influence of dimensionality 
As indicated in the introduction, 2D MD simulations introduce a number of simplifications 
and it is important to assess their influence on the results. To this end, two tests were carried 
out. The first one was focused in the predictions of the evolution of the elastic modulus with 
temperature using the 2D MD model. This parameter was chosen because there is a large body 
(b> 
Figure 3. Nucleation of dislocations at the void surface, (a) Initial void perimeter showing the 
atomic steps, (b) Nucleation of dislocation leaving behind a straight segment, (c) Further emission 
of dislocations leading to the formation of ledges (multiple atomic steps) in the void perimeter. Atom 
color depends on its coordination number, (d) Dislocation half-loop emerging from the surface of 
a 3D cylindrical void at 200 K. Only atoms at the surface of the void and at the dislocation core are 
shown. 
of experimental data in the literature to compare with. The results of the 2D MD simulations 
(normalized by the elastic modulus at 300 K) are plotted in figure 4(a), together with the 
experimental data from a number of metallic alloys [49], The 2D numerical simulations 
provide sensible results that fall within the range of experimental data. 
The second test, more relevant to this investigation, was to explore the influence of the 
temperature on the stress necessary to nucleate dislocations from the surface of a cylindrical 
void. 2D and 3D simulations were carried out for a cylindrical (circular) void of 5 nm in 
radius in 3D (2D). The void volume fraction in the cell was 10%. The predictions of the 
evolution of the yield stress5 (normalized by the yield stress at 0 K) obtained by 2D MD and 
3D MD are plotted as a function of temperature (normalized by the melting temperature, Tm) 
in figure 4(b). Both models (2D and 3D) predicted similar trends but the reduction in yield 
stress with temperature was more marked in 2D. Dislocation nucleation from the void surface 
requires the formation of a critical loop that has some lateral extent (along the length of the 
cylinder) (figure 3(d)). Obviously, the 'loop' does not exist in 2D, but it can be considered 
to have a very short length for purposes of approximation. The energy barrier will scale with 
the loop size, and so the 2D barrier is much smaller, leading to a much greater reduction in 
the stress necessary to nucleate a dislocation with temperature (or strain rate) than in the 3D 
5 In the context of these MD simulations, the yield stress is defined as the component of the macroscopic stress tensor 
in the loading direction when the first stable dislocation appeared, i.e.. it was emitted from the void surface and did 
not return back. 
Figure 4. (a) Effect of temperature on the elastic modulus from 2D MD simulations. Experimental 
data for a number of metallic alloys [49] are include for comparison. The moduli are normalized 
by the corresponding modulus at 300 K and the temperatures. T, by the melting temperature. Tm. 
(b) Evolution of the yield stress. oy, in a voided cell (normalized by the yield stress at OK) as a 
function of temperature. T (normalized by the melting temperature. r m ) as predicted by 2D and 
3D MD simulations. 
Figure 5. Influence of multiaxiality on (a) stress-strain curve and (b) void growth in a periodic 
voided crystal. The initial void volume fraction was 10%. the initial void radius 30 nm and 
T = 400 K. 
system. These limitations of 2D MD have to be accounted for to interpret the results presented 
below. 
3.3. Effect of hydrostatic stresses and temperature on void growth 
The influence of hydrostatic stresses and temperature on the void growth rate was studied for 
a representative unit cell containing a void of 30 nm in radius. The void volume fraction was 
10% and the simulations included approximately 3.6 x 105 atoms. The applied far-field strain 
rate was e = 4.0 x 10 8 s _ 1 . Simulations to analyze the effect of hydrostatic stresses were 
carried out at T = 400 K. 
The effect of hydrostatic stresses on the mechanisms of plastic deformation and void 
growth was examined under three different loading conditions, namely uniaxial stress, uniaxial 
deformation and biaxial deformation. The corresponding stress-strain curves along the a:-axis 
are plotted in figure 5(a). The curves present an initial elastic regime (slightly non-linear) up 
to a strain ev 0.01 and the apparent stiffness along the -r-axis increased with the constraint. 
Void coalescence began at applied strains above 6% and thus the yield stress and the post-yield 
behavior were analyzed before this point. 
After the nucleation of the first dislocation, elastic stresses around the void were relaxed 
and it was necessary to increase the far-field stress to nucleate new dislocations. Moreover, 
hardening after yielding was due to the impossibility of accommodating the imposed strain 
rate with plastic deformation. As shown in figure 5(a), both the yield stress and the hardening 
after yielding increased with the constraint. It should be mentioned that the undulations in the 
stress-strain curves after yielding are dynamic artifacts induced by the elastic stress waves. 
The actual area of the void was computed numerically from the positions of the atoms at 
the void surface. To this end, the void area was discretized in small triangular sectors defined 
by two neighbor atoms on the void surface and a fixed point near to the void center. The void 
area was computed by adding the areas of all triangles. 
The increase in void area divided by the initial void area, e„ = (Av - / w a s 
plotted as a function of the applied strain in figure 5(b). This figure shows that multiaxiality 
did play a very significant role in void growth rate. Void growth under biaxial deformation 
was approximately two times faster than under uniaxial tension, which in turn was almost 
three times faster than under uniaxial tension. This behavior can be readily explained because 
the total imposed volumetric strain (ev + ey) under uniaxial and biaxial deformation has to 
be accommodated by the elastic volumetric strain and void growth as dislocation slip only 
induces shear strains. As the volumetric elastic strain is always small, the higher the imposed 
volumetric strains, the higher the void growth rate [24,50], Similar results were reported in 
the case of larger voided crystals (void radius in the range 80 to 500 nm) in which void growth 
during plastic deformation was analyzed by means of 2D DD. Void growth rates are not plotted 
beyond 6% in figure 5 (neither the corresponding stress-strain curves) because void growth at 
larger strains was controlled by the coalescence of the central void with small voids nucleated 
in the central section of the unit cell by dislocation interactions, leading to the final fracture of 
the unit cell by the formation of a crack perpendicular to the loading axis. 
The preferential sites for dislocation nucleation on the void perimeter depended on the 
stress state. Under uniaxial tension, dislocations were nucleated at void surface locations 
perpendicular to the loading axis (figure 6(a)) on slip systems oriented at ±60° with the x-axis. 
The preferential nucleation sites extended toward the void poles under uniaxial deformation 
(figure 6(b)) and dislocation nucleation occurred along the whole void perimeter and in three 
available slip systems under biaxial deformation (figure 6(c)). These differences led to changes 
in the void shape with constraint as the applied strain increased, as shown in figure 7. Void 
growth under uniaxial tension led to an elongation of the void along the loading axis while 
the radius was increased uniformly under biaxial deformation. Note that the increase of void 
under uniaxial tension up to ev = 5% was mainly due by elastic void growth as the number of 
dislocations nucleated from the void surface was limited. 
The influence of the temperature on the void growth rate was studied at T = 20, 400 
and 800 K. The applied far-field strain rate was e = 4 x 108 s _ 1 and simulations were carried 
out in periodic voided cells with a void radius of 30 nm and an initial void volume fraction of 
10%. The stress-strain curves of the periodic voided crystal at T = 20, 400 and 800 K are 
plotted under uniaxial tension and biaxial deformation in figures 8(a), respectively. The slope 
of the initial elastic regime slightly decreased with the temperature, as it has been reported 
in many materials [49,51-54], The yield stress (marked with arrows at 400 and 800 K) also 
decreased with temperature because yielding occurred by the nucleation of dislocations from 
the void surface and this mechanism is thermally activated [55], In addition, the hardening 
after yielding also decreased with temperature as a result of the lower elastic modulus. 
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(b) 
Figure 6. Influence of multiaxiality on the dislocation density around the void perimeter. 
(a) Uniaxial tension, (b) Uniaxial deformation, (c) Biaxial deformation, .v-axis is horizontal. Only 
atoms with a coordination number different than 6 (corresponding to free surfaces and dislocations) 
are plotted. The far-field applied strain along the .v-axis was 5% in all cases. 
The corresponding void growth rates at different temperatures are plotted in figures 8(b) 
under uniaxial tension and biaxial deformation, respectively. The void growth rate in the 
elastic regime was equivalent for the three temperatures while voids grew faster in the plastic 
regime at higher temperatures. Differences were only significant under biaxial deformation 
and these results indicated that the influence of temperature on the void growth rate was minor 
as compared with that of the hydrostatic stresses (see figure 5(b)). 
3.4. Size effects on void growth 
The influence of void size on the void growth rates was studied by carrying out 2D MD 
simulations of periodic voided crystals with void radius in the range 5 to 50 nm. The initial 
Figure 7. Influence of multiaxiality on the void shape as a function of the applied strain (from 
0% to 5%) for periodic voided crystals subjected to different loading conditions, (a) Uniaxial 
tension, (b) Uniaxial deformation, (c) Biaxial deformation, .v-axis is horizontal. Void dimensions 
are given in A. 
Figure 8. (a) Influence of the temperature on the stress-strain curve of the periodic voided crystal 
under uniaxial tension and biaxial deformation. The initial void volume fraction was 10% and the 
initial void radius 30 nm. The arrows indicate the yield stress at 400 K (blue) and 800 K (black). 
The yield stresses at 20 K were much higher and are not included in the figure, (b) Influence of the 
temperature on the void growth under uniaxial tension and biaxial deformation. The initial void 
volume fraction was 10% and the initial void radius 30 nm. 
void volume fraction was always equal to 10% and The crystal was loaded under biaxial 
deformation because growth rates are maxima under this condition and size effects should be 
more evident. The corresponding stress-strain curves along the a:-axis are plotted in figure 9(a). 
They are practically superposed and the only significant difference was the superposition of 
undulations in the curves whose wavelength decreased with the cell size. As indicated above, 
this fluctuation in the curves is a dynamic effect induced by the reflection of the stress waves 
in the periodic boundaries. The increase in void area divided by the initial void area, ev, was 
plotted as a function of the applied strain in figure 9(b). No appreciable size effect was detected 
for void radius in the range 15 to 50 nm but smaller voids seemed to grow slightly faster when 
R < 10 nm. In all cases, the mechanisms of plastic deformation was equivalent: nucleation 
of dislocations from the void surface, followed by dislocation slip toward the interior of the 
crystal. 
Previous MD studies by [26] reported a size effect in void growth of the type 'smaller is 
faster' and a similar effect also was found in our 2D MD simulations when the loading rate 
was higher than 109 s _ 1 but not at lower loading rates. This size effect may be an artifact as we 
Figure 9. Influence of void radius on (a) stress-strain curve and (b) void growth in a periodic 
voided crystal loaded under biaxial deformation at e = 4.0 x 108 s ^ and T = 400K. The initial 
void volume fraction was 10%. 
found that it only appeared when the applied velocity at the cell boundaries (which depends 
on strain rate and cell size) was higher than the elastic wave speed. This was the case in [26] 
(e = 101" s - 1 ) and in our simulations for strain rates equal to or higher than 109 s _ 1 . Under 
these conditions, the strain energy is accumulated at the cell boundary and the strain energy 
near void is always lower than that at void boundaries, in opposition to the standard behavior 
under quasi-static equilibrium. This effect is enhanced by the large cell size and leads to the 
apparent size effect the smaller is faster. This apparent effect disappears if the applied velocity 
on cell surfaces becomes small as compared to elastic wave speed. 
In addition, it is also worth noting that 2D DD simulations of voided crystals have reported 
a very strong size effect in the stress-strain curve ('smaller is stronger') and in the void growth 
rates ('smaller is slower') [20], The differences in the size effects have to be related to the 
corresponding mechanisms of plastic deformation, as detailed below. In the case of large 
voids ( R > 100 nm) and for typical values of the density of dislocation sources in the bulk 
(sal 00 / / i r r 2 ) [21], plastic deformation in voided crystals is always dominated the nucleation of 
dislocations from the bulk, which occurs at much lower stresses than those necessary to nucleate 
dislocations from the void surface. Of course, the larger the crystal, the higher the number of 
available sources to promote plastic deformation and larger crystals can accommodate more 
easily the applied strain by plastic slip. However, as the crystal size (and the number of sources) 
decreases, the applied strain has to be partially accommodated by elastic deformation, leading 
to a marked hardening after yielding and to the size effect 'smaller is stronger' found in 2D 
DD simulations. Similarly, void growth by plastic deformation is inhibited in smaller crystals, 
leading to the 'smaller is slower' size effect in void growth [20], 
In the case of very small voids ( R < 50 nm), there are not many sources available in the 
voided crystal whose size is much smaller than the average distance between sources (0.1 //m 
for dislocation source densities of 100 / / i r r 2 ) . As a result, plastic deformation is controlled 
by dislocation nucleation at the void surface at much higher stresses. The sources available 
in this case are proportional to the void radius and the increase in void area induced by each 
dislocation is also proportional to the void radius. Thus, the total increase in void area due to 
geometrical effects should be proportional to R2, which divided by the initial void area jvR2 
leads to the absence of a size effect in void growth, in agreement with the 2D MD simulations 
presented above. 
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Figure 10. (a) Evolution of the energy per unit length associated at the void surface, yjD, as a 
function of the void radius R at 400 K for periodic unit cells of different sizes, (b) Influence of 
void radius (both 4% and 10% of volume fraction) on the yield strength at 400 K. These results 
were obtained from 2D MD simulations with e = 8 x 1 0 7 s _ 1 . Average values and standard 
deviations of the yield stress were obtained from uncertainty in the stress at which the dislocation 
was emitted because the position of atoms to determine the first emitted dislocation are saved every 
500 simulation steps. 
This line of reasoning fails in the case of extremely small voids ( R < 10 nm), when the 
surface energy per unit length at the void perimeter becomes a significant factor because of the 
small void curvature. The surface energy associated with the void depends upon the number of 
missing neighbors for the atoms at the void surface. This value decreases with the void radius 
because of the smaller radius of curvature and converges rapidly toward the surface energy of 
a straight surface when the void radius increases. Several methods are available to determine 
the surface energy in MD simulations [56-58], In our 2D study, the energy per unit length 
associated to the void surface, y2D, can be computed as the difference in the total energy in a 
voided cell, Ey, and in an unvoided cell, Eu, where Eu was normalized by the ratio between 
number of atoms of unvoided cell ( Nu) and voided cell ( iVv), 
Ny 
v N u 
where Ev and Eu are obtained from the total potential energy of the voided and unvoided cell, 
respectively, and iVv and iVu are the total number of atoms in the corresponding cells. The 
total potential energy of voided and unvoided cells of different size (from 80 to 266.6 nm) 
was computed at 400 K using 2D MD and y2D is plotted as a function of void radius R in 
figure 10(a). These results clearly show that the surface energy becomes important when the 
void radius is below 5 nm. 
Thus, for very small voids (R < 10 nm), void surfaces become more stable and higher 
stresses are necessary to nucleate dislocations from the void surface. This is demonstrated in 
figure 10(fc), in which the yield stress (understood as the far-field applied stress necessary to 
nucleate the first stable dislocation) is plotted as a function of the void radius. These results 
were obtained with 2D MD simulations under biaxial deformation at 400 K and an applied 
strain rate e = 8 x 107 s _ 1 for voids in the range 1.5 to 100 nm. Two different initial void 
volume fractions (4% and 10%) were considered. The yield stress increased rapidly as the 
void radius became smaller than 10 nm in agreement with the increase in the surface energy 
density in figure 10(a). In addition, this behavior is consistent with the 2D nucleation model 
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presented in [23] that predicts an increase in the stress necessary to nucleate a dislocation from 
void surface when void radius is below 10 nm. The results were independent of the volume 
fraction, as expected. 
These results can be discussed in combination with previous simulations of void growth 
obtained using 3D MD [26,27], the 2D theoretical model of Lubarda model presented in [23] 
as well as 2D DD [20,21] to have a wider view on the mechanisms of void growth and 
the corresponding size effects for void radius in the range of nm to [x m. The yield stress, ay 
(understood as the stress in the loading direction necessary to nucleate the first stable dislocation 
either from the bulk or from the void surface) normalized by the shear modulus G is plotted 
as a function of the void radius in figure 10 according Potirniche et al [26], Traiviratana 
et al [27], Lubarda [23], Segurado and LLorca [20,21] and the results of the present study. 
This plot shows three different regions for void growth driven by mechanical stresses under 
the assumption that diffusion effects are negligible. For large voids, (R > 100 nm), 2D DD 
simulations [20] that plastic void growth occurs by the nucleation of dislocations in the bulk 
at stresses below 0.01 G. In this region, larger voids grow faster than smaller ones because 
the larger availability of dislocation nucleation sources around the void increases the number 
of dislocations that escape the material through the void surface and contribute to the void 
growth. This mechanism is exhausted as the void radius decreases for typical values of the 
dislocation densities (1012-1014 m~2), leading to a region in which plastic void growth is not 
possible when R < 50 nm and ay/G < 0.05. But even very small voids can grow at very high 
stresses ( a y / G 0.1) by the nucleation of dislocations at the void surface. This regime is only 
found at very high strain rates [8] and, as opposed to void growth by dislocation nucleation in 
the bulk, void growth rates are independent of the void radius. 
It is interesting to note that the results for the yield stress of our 2D MD simulations 
are in close agreement with the 2D analytical model suggested by Lubarda [23], Moreover, 
recent 3D MD simulations of Tang et al also indicated that the stress necessary to nucleate 
dislocations from the void surface was independent of the void radius. The yield stress 
reported in this study was lower (0.01 < ay/G < 0.1) but the differences came from the 
definition of the yield stress because Tang et al defined yield stress as the stress necessary to 
nucleate a defect in the void surface which is much lower than stress necessary to emit a stable 
dislocation. 
4. Conclusions 
The mechanisms of void growth by plastic deformation were studied in a two-dimensional 
framework by means of molecular dynamics of a 2D periodic voided crystal, in which the 
circular voids are located at the corners of a square array. To this end, a suitable interatomic 
potential was adapted to obtain a 2D material whose behavior was in agreement with the 
standard results for dislocation plasticity in fee metals. In the range of void sizes analyzed (1.5 
to 100 nm), it was found that plastic deformation was triggered by the nucleation of dislocations 
at the atomic steps of the void surfaces. The yield stress, defined as the stress necessary to 
nucleate stable dislocations, was independent of the void radius except for very small voids 
(R < 10 nm), in which the reduction in the surface energy density associated to the void 
surface increased the yield stress. The yield stress and the hardening rate after yielding of 
the periodic voided crystal decreased with temperature but the void growth rate was not very 
sensitive to this factor compared with multiaxiality effect. Simulations under uniaxial tension, 
uniaxial deformation and biaxial deformation showed that the void growth rate increased very 
rapidly with the hydrostatic stresses. 
Comparison of these results with previous 3D molecular dynamics simulations of very 
small voids ( R < order of 10 nm) and with 2D dislocation dynamics simulations of larger 
voids (R > 100 nm) showed three different regions for void growth driven by mechanical 
stresses in absence of diffusion. Void growth in large voids ( R > 100 nm) occurs at stresses 
below 0.01G by nucleation of dislocations in the bulk and is associated to a size effect of the 
type 'larger is faster'. Small voids (R < 50 nm) can only grow by nucleation of dislocations 
at the void surface at very high stresses (s»0.1 G), and there is not size effect in void growth 
under these conditions. At lower stresses, these small voids can only grow by diffusion. 
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